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Layered LiMnO2 and Li2MnO3 are of great interest for lithium-ion battery cathodes because of
their high theoretical capacities. The practical application of these materials is, however, limited
due to poor electrochemical performance. We herein report a comprehensive first-principles study of
defect physics in LiMnO2 and Li2MnO3 using hybrid-density functional calculations. We find that
manganese antisites have low formation energies in LiMnO2 and may act as nucleation sites for the
formation of impurity phases. The antisites can also occur with high concentrations in Li2MnO3;
however, unlike in LiMnO2, they can be eliminated by tuning the experimental conditions during
preparation. Other intrinsic point defects may also occur and have an impact on the materials’
properties and functioning. An analysis of the formation of lithium vacancies indicates that lithium
extraction from LiMnO2 is associated with oxidation at the manganese site, resulting in the forma-
tion of manganese small hole polarons; whereas in Li2MnO3 the intrinsic delithiation mechanism
involves oxidation at the oxygen site, leading to the formation of bound oxygen hole polarons η+O .
The layered oxides are found to have no or negligible bandlike carriers and they cannot be doped
n- or p-type. The electronic conduction proceeds through hopping of hole and/or electron polarons;
the ionic conduction occurs through lithium monovacancy and/or divacancy migration mechanisms.
Since η+O is not stable in the absence of negatively charged lithium vacancies in bulk Li2MnO3,
the electronic conduction near the start of delithiation is likely to be poor. We suggest that the
electronic conduction associated with η+O and, hence, the electrochemical performance of Li2MnO3
can be improved through nanostructuring and/or ion substitution.
PACS numbers: 61.72.J-, 72.20.-i, 82.47.Aa
I. INTRODUCTION
Layered lithium manganese oxides LiMnO2 and
Li2MnO3 have been considered for lithium-ion bat-
tery cathodes as manganese is inexpensive and envi-
ronmentally benign compared to cobalt and nickel and
the materials have high theoretical capacities [1, 2].
Li2MnO3 is also an important component in high-
capacity xLi2MnO3·(1−x)LiMO2 (M = Mn, Ni, Co, etc.)
cathode materials [3]. Layered LiMnO2, in which cation
planes alternate as lithium layers and manganese lay-
ers, is prepared by an ion-exchange method [4, 5] as the
synthesis at high temperatures often results in an or-
thorhombic phase. The compound exhibits strong cation
mixing [4] and poor electrochemical performance which
is usually ascribed to the transformation into spinel
LiMn2O4 during charge-discharge cycling [6]. Li-excess
Li2MnO3, also known as Li[Li1/3Mn2/3]O2, has a lay-
ered structure similar to that of LiMnO2 but one-third
of the ions in the manganese layer are replaced by lithium
ions [7]. Since in Li2MnO3 manganese exists as Mn
4+,
the material was initially believed to be electrochemi-
cally inactive. It was later demonstrated that Li2MnO3
can be made electrochemically active by acid leaching [8]
or charging to high voltages [9]. The material shows very
limited electrochemical capacity, which could be due to
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poor kinetics of lithium extraction and reinsertion [10].
However, it is also reported that the electrochemical per-
formance of Li2MnO3 can be improved through nanos-
tructuring [11–14] or ion substitution [10].
Several different mechanisms have been proposed to
explain the unconventional lithium-extraction behavior
of layered Li2MnO3. These involve either (i) the oxi-
dation of Mn4+ to Mn5+ [9], (ii) simultaneous removal
of lithium and oxygen [15, 16], (iii) oxidation of Mn3+
associated with oxygen deficiency to Mn4+ [17–19], (iv)
oxidation of the electrolyte and exchange of H+ for Li+
[16, 20, 21], or (v) oxygen oxidation [10, 22–24]. Regard-
ing the final mechanism, direct experimental evidence for
the reversibility of the O2− to O− anionic process upon
cycling has been observed in x-ray photoemission spec-
troscopy studies of Li2Ru1−yMnyO3 (0.2 ≤ y ≤ 0.8)
cathode materials [10]. On the theory side, although
oxygen oxidation in Li2−xMnO3 is mentioned in several
previous computational works [24–26], the formation of
O− has never been clearly demonstrated, especially at
small x values. Apparently, further theoretical and com-
putational studies are needed in order to fully under-
stand the properties of Li2MnO3 and related materials.
As demonstrated in our previous works [27–29], first-
principles defect calculations based on density-functional
theory (DFT) can serve as an important tool in this re-
gard.
We herein present a comprehensive computational ap-
proach based on state-of-the-art first-principles defect
calculations to studying battery-electrode materials. In
2this approach, we start with an investigation of the bulk
properties of and phase diagrams associated with the host
compounds and then proceed with a detailed investiga-
tion of the structure, energetics, and migration of all pos-
sible intrinsic electronic and ionic point defects in the
materials. An expression for the lithium-extraction volt-
age is also derived based on an expression for the forma-
tion energy of lithium vacancies. We then illustrate how
this approach helps uncover the defect physics, intrinsic
mechanisms for the delithiation (and lithiation), and elec-
tronic and ionic conduction mechanisms in layered oxide
materials LiMnO2 and Li2MnO3. Most interestingly, we
find that in Li2MnO3 the lithium-extraction process is as-
sociated with oxidation at the oxygen site, instead of the
transition-metal site as in other complex oxide electrode
materials, leading to the formation of bound oxygen hole
polarons. In light of our results, we provide explana-
tions for the experimental observations, guidelines for
defect-controlled synthesis and defect characterization,
suggestions for improving the electronic conduction, and
ultimately insights for designing high-capacity battery-
electrode materials.
II. METHODOLOGY
A. Hybrid functional calculations
Our calculations for the bulk properties and point
defects are based on DFT, using the Heyd-Scuseria-
Ernzerhof (HSE06) screened hybrid functional [30, 31],
the projector augmented wave method [32, 33], and a
plane-wave basis set, as implemented in the Vienna Ab
Initio Simulation Package (VASP) [34–36]. In these cal-
culations, we set the Hartree-Fock mixing parameter and
the screening length to the standard values of 0.25 and
10 A˚, respectively. The use of the HSE06 hybrid func-
tional, where all orbitals are treated on equal footing, is
to ensure the transferability of calculations across com-
pounds in the Li-Mn-O phase diagram and that the
physics of the complex transition-metal oxides is prop-
erly described [28, 29]. We note that the HSE06 func-
tional has also been employed in the study of polarons in
other battery-electrode materials [37–39]. The GGA+U
method [40, 41], an extension of the generalized-gradient
approximation (GGA) within DFT [42], is used only
for comparison in some specific calculations. In these
GGA+U calculations, the on-site Hubbard corrections
are applied to both the Mn 3d states and O 2p states.
Intrinsic point defects in LiMnO2 and Li2MnO3 are
treated within the supercell approach, in which a de-
fect is included in a finite volume of the host material
and this structure is periodically repeated. For the de-
fect calculations, we use hexagonal supercells containing
108 atoms per cell, and integrations over the Brillouin
zone are carried out using the Γ point. The plane-wave
basis-set cutoff is set to 500 eV. Convergence with re-
spect to self-consistent iterations is assumed when the
total-energy difference between cycles is less than 10−4
eV and the residual forces are less than 0.01 eV/A˚. In
these defect calculations, which are performed with spin
polarization and the ferromagnetic spin configuration for
the manganese array in the lattice, the lattice parameters
are fixed to the calculated bulk values but all the internal
coordinates are fully relaxed.
B. Defect-formation energies
The properties of a point defect in solids are charac-
terized by its formation energy and migration barrier.
In our calculations, the latter is calculated by using the
climbing-image nudged elastic-band (NEB) method [43];
the former is computed using the total energies from
DFT calculations. The formation energy of a defect X in
charge state q is defined as [44]
Ef (Xq) = Etot(X
q)−Etot(bulk)−
∑
i
niµi+q(Ev+µe)+∆
q,
(1)
where Etot(X
q) and Etot(bulk) are, respectively, the to-
tal energies of a supercell containing the defect X and
of an equivalent supercell of the perfect bulk material.
The integer ni indicates the number of atoms of species i
that have been added to (ni>0) or removed from (ni<0)
the supercell to form the defect; µi is the atomic chemi-
cal potential of species i, representing the energy of the
reservoir with which atoms are being exchanged, and is
referenced to the bulk metals or O2 molecules at 0 K.
µe is the electronic chemical potential or the Fermi level,
representing the energy of the electron reservoir, refer-
enced to the valence-band maximum in the bulk (Ev).
∆q is the correction term to align the electrostatic po-
tentials of the bulk and defect supercells and to account
for finite-supercell-size effects on the total energies of
charged defects [44]. In this work, we adopt the approach
of Freysoldt et al. [45, 46], in which the correction term
∆q to the formation energies of charged defects is deter-
mined without empirical parameters.
The concentration of a defect at temperature T is re-
lated to its formation energy through the expression [44]
c = NsitesNconfigexp
(
−Ef
kBT
)
, (2)
where Nsites is the number of high-symmetry sites in the
lattice per unit volume on which the defect can be in-
corporated, Nconfig is the number of equivalent configu-
rations (per site), and kB is Boltzmann’s constant. The
energy in Eq. (2) is, in principle, a free energy; how-
ever, the entropy and volume terms are often neglected
because they are negligible at relevant experimental con-
ditions [44]. This expression is valid in the dilute defect
limit, i.e., neglecting the defect-defect interaction, and in
thermodynamic equilibrium. As discussed in Ref. [44],
Eq. (2) is also applicable under conditions that are close
to equilibrium or when the relevant defects are mobile
3enough to allow for equilibration at the temperatures of
interest. It emerges from this expression that defects with
low formation energies will easily form and occur in high
concentrations. Furthermore, defect-formation energies
should be positive; otherwise, the host compound would
be unstable.
The atomic chemical potentials µi in Eq. (1) are vari-
ables and subject to thermodynamic constraints. The
stability of the LiMnO2 phase, for example, requires
µLi + µMn + 2µO = ∆H
f (LiMnO2), (3)
where ∆Hf is the formation enthalpy. Similarly, it is
required that the atomic chemical potentials in the case
of Li2MnO3 satisfy the condition
2µLi + µMn + 3µO = ∆H
f (Li2MnO3). (4)
These conditions place a lower bound on the value of µi.
In addition, one needs to avoid precipitating bulk Li and
Mn phases, or forming O2 gas. These constraints set an
upper bound on the atomic chemical potentials: µi≤0.
There are, however, further thermodynamic constraints
imposed by other competing Li-Mn-O phases which often
place stronger bounds on µi. For example, in order to
avoid the formation of Li2O,
2µLi + µO ≤ ∆H
f (Li2O). (5)
By taking into account the constraints imposed by all
competing phases, one can determine the range of Li,
Mn, and O chemical-potential values in which the host
compound LiMnO2 or Li2MnO3 is thermodynamically
stable.
The oxygen chemical potential µO can also be related
to temperatures and pressures via the expression [47]:
µO(T, p) = µO(T, p◦) +
1
2
kBT ln
p
p◦
, (6)
where p and p◦ are, respectively, the partial pressure and
reference partial pressure of O2 gas. This expression al-
lows the calculation of µO(T, p) if one knows the temper-
ature dependence of µO(T, p◦) at a particular pressure
p◦. In this work, the reference state of µO(T, p) is chosen
to be half of the total energy of an isolated O2 molecule
at 0 K. In DFT calculations using the HSE06 functional,
the binding energy of O2 with respect to spin-polarized
O atoms is found to be 5.16 eV [28], in good agreement
with the experimental value of 5.12 eV [48].
It should be noted that the Fermi level µe is not a free
parameter. In principle, Eqs. (1) and (2) can be written
for every intrinsic defect and impurity in the material.
The complete problem, including free-carrier concentra-
tions in valence and conduction bands, if present, can
then be solved self-consistently by imposing the charge-
neutrality condition [44]:
∑
i
ciqi − ne + nh = 0, (7)
where ci and qi are the concentration and charge, re-
spectively, of defect or impurity Xi; ne and nh are free
electron and hole concentrations, respectively; and the
summation is over all defects and impurities.
C. Lithium-extraction voltage
In lithium-ion batteries, lithium ions Li+ are extracted
from the positive electrodes. For example, in LiMnO2
cathodes, the delithiation reaction occurs as
LiMnO2 → Li1−xMnO2 + xLi
+ + xe−. (8)
The liberated Li+ ions then dissolve into the electrolyte.
Lithium extraction can therefore be described in terms
of the creation of lithium vacancies. In fact, as discussed
later in Sec. III C, the removal of a Li atom, i.e., Li+ +
e−, is equivalent to the formation of a lithium vacancy,
hereafter denoted as V 0Li, in the electrode material.
According to Eq. (1), the formation energy of x ther-
mally activated lithium vacancies is given by
Ef (xV 0Li) = Etot(xV
0
Li)− Etot(bulk) + xµ
∗
Li, (9)
where Etot(xV
0
Li) is the total energy of the supercell con-
taining the vacancies, e.g., the Li1−xMnO2 compound;
µ∗Li is the chemical potential of Li which is now given in
its explicit form: µ∗Li = Etot(Li)+µLi, with Etot(Li) being
the total energy per atom of metallic Li and the chemical
potentials of the Li+ and e− components of the extracted
Li atom both included in µLi. During the delithiation
process, the lithium vacancies are electrochemically acti-
vated, i.e.,
Ef (xV 0Li) = 0, (10)
assuming the vacancies readily form under the influence
of an external power source with an extraction voltage V .
In addition, by assuming equilibrium with a metallic Li
anode (Li/Li+) and the external power source which acts
as a reservoir of the electrons e−, i.e., zero overpotential,
the chemical potential of Li can be expressed as
µ∗Li = Etot(Li)− eV, (11)
where e is is the absolute value of the electron charge.
From Eqs. (9)−(11), the lithium-extraction voltage can
be expressed in terms of the total energies as
V =
Etot(xV
0
Li)− Etot(bulk) + xEtot(Li)
xe
. (12)
This expression is applicable not only in the dilute
lithium vacancy limit. In fact, x can be used to describe
the lithium-content difference between any two interca-
lation limits, and Etot(bulk) can be the total energy of
any starting composition chosen as the host material. In
that case, V should be regarded as the average voltage
between the two limits; and expression (12) is equivalent
4FIG. 1. Supercell models for (a) LiMnO2 and (b) Li2MnO3.
Large (gray) spheres are Li, medium (blue) spheres are Mn,
and small (red) spheres are O. Jahn-Teller distortion is ob-
served in LiMnO2. The structural models shown here and in
Fig. 6 are generated by using the VESTA visualization pack-
age [50].
to that for the average voltage (vs. Li/Li+) previously
derived by Aydinol et al. [49] by considering the elec-
trical energy caused by charge displacement, assuming
all due to Li. A similar expression for the voltage asso-
ciated with lithiation can also be derived by regarding
the lithium-insertion process as the formation of lithium
interstitials.
With this formulation, one can investigate the spatial
dependence of the extraction voltage, e.g., in the bulk
vs. at the surface, or explicitly calculate the voltage asso-
ciated with a specific lithium-extraction mechanism. In
certain mechanisms, lithium may not be the only species
that is extracted during delithiation. The voltage associ-
ated with electrochemical extraction of lithium and any
other species, or of any species other than lithium, can
be determined in a similar way, starting from Eq. (1)
and using appropriate thermodynamic equilibrium con-
ditions. It is important to note that these conditions are
likely to be different from those obtained by considering
equilibria with all possible competing phases discussed in
Sec. II B. This difference is because materials synthesis,
for instance, and delithiation are very distinct processes
and occur in different stages of preparation and use of
the material.
III. RESULTS
A. Bulk properties
Layered LiMnO2 and Li2MnO3 are described in terms
of hexagonal supercells, each containing 108 atoms and
being similar to that of layered LiCoO2 and LiNiO2 [28].
Figures 1(a) and 1(b) show these supercells after full
structural optimization. For LiMnO2, the initial super-
cell relaxes to a triclinically distorted structure with a
FIG. 2. The electronic density of states of ferromagnetic
LiMnO2 and Li2MnO3. The spin-majority spectrum is on
the +y axis and the spin-minority spectrum is on the −y
axis. The zero of energy is set to the highest occupied state.
cell volume of 37.11 A˚3 per formula unit (f.u.), in agree-
ment with the experimental value of 37.06 A˚3 [4]. The
Mn ions in LiMnO2 are stable as high-spin Mn
3+ with a
calculated magnetic moment of 3.74 µB. There are four
short Mn−O bonds (1.92 A˚) and two long Mn−O bonds
(2.33 A˚) due to the Jahn-Teller effect associated with
the Mn3+ ions. For Li2MnO3, the supercell stays hexag-
onal with a cell volume of 49.35 A˚3 per f.u., compared
to the experimental value of 49.72 A˚3 [7]. The Mn ions
in Li2MnO3 are stable as high-spin Mn
4+ with a mag-
netic moment of 2.98 µB. All six Mn−O bonds have a
bond length of about 1.90 A˚. We find that an in-plane
antiferromagnetic spin configuration for the manganese
array gives a lower total energy than the ferromagnetic
configuration, but by only 10 meV per f.u. in the case of
LiMnO2 or 4 meV per f.u. in the case of Li2MnO3.
The determination of the finite-cell-size correction
term ∆q in Eq. (1) using the Freysoldt et al.’s approach
[45, 46] requires values for the static dielectric constant,
which can be obtained from DFT calculations. We find
the electronic contribution to the static dielectric con-
stant of LiMnO2 (Li2MnO3) is 4.05 (4.75) in HSE06,
based on the real part of the dielectric function ǫ1(ω)
for ω → 0. The ionic contribution is calculated using
density-functional perturbation theory [51, 52], within
GGA+U with U = 4.84 eV for the Mn 3d states. This
U value is taken as an average value of those for Mn3+
(4.64 eV) and Mn4+ (5.04 eV) [53]. The total dielec-
tric constants are calculated to be 32.52 for LiMnO2 and
17.69 for Li2MnO3. For comparison, the static dielec-
tric constants of MnO, MnO2, and Mn2O3 are 18.0±0.5,
about 104, and 8, respectively, at room temperature [54].
To our knowledge, the experimental static dielectric con-
stants of LiMnO2 and Li2MnO3 are not yet available.
5FIG. 3. Calculated ternary phase diagram for the Li-Mn-O
system at 0 K; only the stable compounds are shown. The
phase diagram shown here is generated by using a MATLAB
application developed by Ong [56].
Figure 2 shows the total electronic density of states
of layered LiMnO2 and Li2MnO3. An analysis of the
wave functions shows that the valence-band maximum
(VBM) of LiMnO2 consists of 39% from the Mn 3d states
and 30% from each O atom; the conduction-band min-
imum (CBM) consists of 72% from the Mn 3d states
and 12% from each O atom. The calculated band gap
is 2.90 eV. For Li2MnO3, the VBM is predominantly O
2p states (11% from the Mn atom and 88% from the three
O atoms) and the CBM is predominantly Mn 3d states
(68% from the Mn atom and 28% from the O atoms).
The calculated band gap is 3.62 eV. In both compounds,
the Li 2s state is high up in the conduction band, indicat-
ing that Li donates its electron to the lattice and becomes
Li+. LiMnO2 (Li2MnO3) can be thus be regarded nom-
inally as an ordered arrangement of Li+, Mn3+ (Mn4+),
and O2− units. As will be illustrated in Secs. III C and
IIID, the formation and migration of intrinsic point de-
fects in the materials are directly related to their struc-
tural and electronic properties, especially the nature of
the electronic states at the VBM and CBM.
B. Phase diagram and chemical potentials
Figure 3 shows the phase diagram for the Li-Mn-O
ternary system at 0 K, constructed using the calcu-
lated formation enthalpies listed in Table I and a phase-
diagram construction method based on the convex hull
approach [55, 56]. The listed compounds are taken from
those Li-Mn-O phases available in the Materials Project
database [57] and calculated using the HSE06 functional.
We note that, in the formation enthalpy calculations, dif-
TABLE I. Calculated formation enthalpies at 0 K, in eV per
formula unit. Experimental values at 298 K are also included.
Compound Crystal structure This work Experiments
Li2O cubic −5.75 −6.21 (Ref. [48])
Li2O2 hexagonal −5.84 −6.56 (Ref. [48])
MnO cubic −4.16 −3.96 (Ref. [58])
MnO2 tetragonal −4.98 −5.41 (Ref. [58])
Mn2O3 orthorhombic −10.09 −9.94 (Ref. [58])
Mn3O4 tetragonal −14.67 −14.37 (Ref. [58])
LiMnO2 monoclinic −8.43 −8.59 (Ref. [59])
LiMn2O4 tetragonal −13.89 −14.31 (Ref. [60])
Li2MnO2 trigonal −9.94
Li2MnO3 monoclinic −12.30
Li2Mn3O7 triclinic −22.47
Li4Mn5O12 monoclinic −40.33
Li5Mn7O16 orthorhombic −54.39
Li6MnO4 tetragonal −21.55
ferent crystal structures and manganese spin configura-
tions and charge states are investigated and only the low-
est energy configurations are reported. The formation en-
thalpies of LiMn2O4, Mn2O3, Li2MnO3, and Li5Mn7O16
were already reported in Ref. [29]. but are also included
here in Table I for completeness. The phase diagram
shows equilibria between LiMnO2 and competing Li-Mn-
O phases such as Li2O, Li2MnO3, Mn3O4, MnO, and
Li6MnO4, and between Li2MnO3 and O2, Li5Mn7O16,
LiMn2O4, Mn2O3, Mn3O4, LiMnO2, Li2O, and Li2O2.
These competing phases ultimately define the range of
the atomic chemical potential values, shown as a shaded
polygon in Fig. 4(a) or 4(b), in which the host com-
pound is stable. Points A−H in Figs. 4(a) and 4(b) repre-
sent three-phase equilibria associated with LiMnO2 and
Li2MnO3, respectively, or midpoints between two three-
phase equilibria. We note that layered LiMnO2 would
be unstable toward competing Li-Mn-O phases if in the
calculations the Jahn-Teller distortion were not allowed.
Besides, layered and orthorhombic LiMnO2 phases are
degenerate at 0 K; the energy difference is within 1 meV.
C. Defect structure and energetics
Figure 5 shows the calculated formation energies of
low-energy defects in layered LiMnO2 and Li2MnO3, ob-
tained at points C and D in Figs. 4(a) and 4(b), re-
spectively. These defects include delocalized electron
hole (hereafter denoted as h+); hole (η+) and electron
(η−) polarons; lithium vacancies (VLi), interstitials (Lii),
and antisites (LiMn); manganese vacancies (VMn) and an-
tisites (MnLi); and oxygen vacancies (VO) in different
charge states. For each defect, calculations are carried
out in various configurations (i.e., at different lattice sites
and/or in different spin states); however, only the lowest-
energy configurations of the defects are reported, unless
6FIG. 4. Chemical-potential diagrams for (a) LiMnO2 and (b) Li2MnO3. Only phases that define the stability region of the
compounds, here shown as a shaded polygon, are included. In (a), O2 is also included for reference; in (b), Mn3O4 is present
but not visible since it is very close to point E. The large white dots represent three-phase equilibria; the small black dots are
midpoints between the white dots.
FIG. 5. Calculated formation energies of intrinsic point defects in LiMnO2 and Li2MnO3, plotted as a function of the Fermi
level with respect to the VBM. The energies in LiMnO2 are obtained at point C in Fig. 4(a) and those in Li2MnO3 are at
point D in Fig. 4(b). In the chemical-potential diagrams, these two points correspond to thermodynamic equilibrium between
LiMnO2, Li2MnO3, and Li2O. In the absence of extrinsic charged impurities, the Fermi level of the system is at µe = µ
int
e ,
where charge neutrality is maintained.
otherwise noted. In the absence of electrically active im-
purities that can shift the Fermi-level position or when
such impurities occur in much lower concentrations than
charged intrinsic defects, the Fermi level is at µinte , de-
termined only by the intrinsic defects. With the chosen
set of the atomic chemical potentials, the Fermi level of
LiMnO2 is at µ
int
e = 1.40 eV, predominantly defined by
hole polarons (η+) and negatively charged lithium anti-
sites (Li2−Mn); cf. Fig. 5; for Li2MnO3, µ
int
e is at 2.43 eV,
almost exclusively defined by electron polarons (η−) and
positively charged manganese antisites (Mn+Li).
Since defect-formation energies are functions of the
atomic chemical potentials which represent the experi-
mental conditions under which the defects are created,
the results presented in Fig. 5 are not the only scenario
that may occur. We list in Table II the calculated for-
mation energies of relevant intrinsic point defects un-
der conditions at points A−H in the chemical-potential
diagrams. The allowed range of the oxygen chemical
potential, µO, is from −0.96 [point A in Fig. 4(a)] to
−2.76 eV [point F in Fig. 4(a)] in LiMnO2, or from 0
[the A−H line in Fig. 4(b)] to −1.98 eV [point D in
7TABLE II. Calculated formation energies (Ef ) and binding energies (Eb) of relevant point defects in LiMnO2 and Li2MnO3,
obtained at points A−H in Figs. 4(a) and 4(b). The manganese ion associated with each elementary defect is listed in
parentheses.
Ef (eV)
Defect A B C D E F G H Constituents Eb (eV)
LiMnO2 η
+ 0.48 0.66 0.66 0.78 0.97 1.15 1.15 0.81 (Mn4+)
η− 1.21 1.04 1.04 0.92 0.73 0.55 0.55 0.89 (Mn2+)
V −Li 0.48 0.82 1.33 1.35 1.30 1.21 0.65 0.58
V 0Li 0.71 1.22 1.73 1.87 2.01 2.10 1.54 1.13 V
−
Li + η
+ 0.25
Li+i 1.65 1.32 0.80 0.79 0.84 0.93 1.49 1.56
Li0i 2.49 1.98 1.47 1.33 1.19 1.10 1.66 2.08 Li
+
i + η
− 0.37
Li2−Mn 1.03 0.68 0.68 0.71 0.62 0.53 0.53 0.80
Li−Mn 0.86 0.69 0.69 0.84 0.93 1.03 1.03 0.95 Li
2−
Mn + η
+ 0.65
Li0Mn 0.90 0.90 0.90 1.18 1.45 1.73 1.73 1.32 Li
2−
Mn + 2η
+ 1.09
Li3−Mn 2.29 1.77 1.77 1.67 1.40 1.13 1.13 1.74 Li
2−
Mn + η
−
−0.05
Mn+Li 0.67 0.84 0.84 0.69 0.60 0.50 0.50 0.58 (Mn
2+)
Mn0Li 1.56 1.56 1.56 1.28 1.00 0.73 0.73 1.14 Mn
+
Li + η
− 0.33
Mn2+Li∗ 1.11 1.45 1.45 1.43 1.52 1.61 1.61 1.34 Mn
+
Li + η
+ 0.04
Mn3+Li 1.60 2.11 2.11 2.21 2.49 2.76 2.76 2.15 Mn
2+
Li + η
+
Mn+Li-V
−
Li 0.84 1.35 1.86 1.72 1.58 1.40 0.84 0.84 Mn
+
Li + V
−
Li 0.32
MnLi-LiMn 1.03 1.03 1.03 1.03 1.03 1.03 1.03 1.03 Mn
+
Li + Li
2−
Mn + η
+ 1.15
V 2+O 2.64 2.48 1.97 1.94 2.03 2.17 2.73 2.66
V +O 2.75 2.41 1.90 1.75 1.66 1.61 2.17 2.45 V
2+
O + η
− 1.11
V 0O 3.32 2.81 2.29 2.02 1.74 1.51 2.07 2.69 V
2+
O + η
− + η−∗
Li2MnO3 h
+ 1.78 1.86 2.11 2.40 2.36 2.15 1.94 1.62
η− 1.36 1.28 1.03 0.75 0.79 0.99 1.20 1.52 (Mn3+)
V −Li 1.27 1.28 1.51 1.69 0.71 0.71 0.75 0.83
V 0Li 2.38 2.47 2.94 3.42 2.39 2.18 2.02 1.78 V
−
Li + η
+
O
Li+i 1.27 1.26 1.03 0.85 1.83 1.83 1.79 1.70
Li0i 2.24 2.16 1.68 1.21 2.24 2.45 2.61 2.85 Li
+
i + η
− 0.38
Li3−Mn 2.36 2.12 2.80 3.36 3.48 3.90 4.27 4.67
Li2−Mn 2.18 2.02 2.94 3.79 3.87 4.08 4.24 4.32 Li
3−
Mn + η
+
O
Li−Mn 2.40 2.32 3.49 4.62 4.66 4.66 4.62 4.37 Li
3−
Mn + 2η
+
O
Li0Mn 3.27 3.27 4.69 6.10 6.10 5.89 5.64 5.08 Li
3−
Mn + 2η
+
O + η
+
O∗
Mn+Li 2.97 3.05 1.88 0.75 0.71 0.71 0.75 0.99 (Mn
2+)
Mn0Li 3.68 3.68 2.27 0.85 0.85 1.06 1.31 1.87 Mn
2+
Li + 2η
− 2.02
Mn2+Li 2.99 3.15 2.23 1.38 1.30 1.09 0.93 0.85 (Mn
3+)
Mn3+Li 4.17 4.41 3.72 3.17 3.05 2.63 2.25 1.86 (Mn
4+)
Mn+Li-V
−
Li 3.84 3.93 2.98 2.04 1.01 1.01 1.10 1.43 Mn
+
Li + V
−
Li 0.40
MnLi-LiMn 1.96 1.96 1.96 1.96 1.96 1.96 1.96 1.96 Mn
3+
Li + Li
3−
Mn 4.56
V 2+O 3.25 3.32 2.87 2.50 3.44 3.30 3.13 2.92
V +O 2.54 2.53 1.83 1.17 2.16 2.23 2.27 2.37 V
2+
O + η
− 2.07
V 0O 3.57 3.48 2.54 1.59 2.61 2.89 3.15 3.57 V
2+
O + η
− + η−∗
Fig. 4(b)] in Li2MnO3. The oxygen chemical potential
can be controlled by controlling temperature and pres-
sure [cf. Eq. (6)] and/or oxygen-reducing agents. Lower
µO values are usually associated with higher tempera-
tures and/or lower oxygen partial pressures and/or the
presence of oxygen-reducing agents. Li2MnO3, for ex-
ample, is usually prepared by solid-state reaction in the
temperature range from 500◦C to 950◦C [7–10, 19, 20].
If one assumes an oxygen partial pressure of 0.2 atm and
no oxygen-reducing agents, this temperature range gives
µO values in the range from −0.87 eV to −1.47 eV [47],
which correspond to conditions approximately within the
region enclosed by points C (where µO = −1.03 eV), D
(−1.98 eV), and E (−0.95 eV) in Fig. 4(b). In the pres-
ence of oxygen-reducing agents, e.g., CaH2 or LiH, µO is
expected to take a very low value even at low temper-
atures, e.g., 255−265◦C [19]. For each set of the chem-
ical potentials, the formation-energy values reported in
Table II are obtained at the respective Fermi-level posi-
tion µinte , determined by the charge-neutrality condition
[cf. Eq. (7)]. We find that µinte is at 1.23−1.89 eV in
LiMnO2 or 1.65−2.43 eV in Li2MnO3, which is always
away from both the VBM and CBM. Overall, we find
that certain point defects in the two compounds have
8very low formation energies and, hence, can occur in the
materials with high concentrations, e.g., during synthe-
sis. These defects, except the mobile ones, are expected
to get trapped when the material is cooled to room tem-
perature. We also find that many of the charged defects
have positive formation energies only in a small region
near midgap. Before discussing the implications of these
findings, let us describe in detail the structure and ener-
getics of the defects.
Electronic defects. Let us first examine those de-
fects that are created by removing (adding) an electron
from (to) the bulk supercells. The removal of an elec-
tron from layered LiMnO2 results in the formation of
a high-spin Mn4+ ion with a calculated magnetic mo-
ment of 3.10 µB, i.e., a localized electron hole, at one of
the Mn3+ sites. The lattice geometry near Mn4+ is dis-
torted with respect to the perfect bulk lattice with the
six neighboring O atoms moving toward the Mn4+, re-
sulting in four Mn−O bonds with a bond length of 1.90 A˚
and two slightly longer Mn−O bonds with a bond length
of 1.96 A˚. This local lattice distortion and the localized
hole constitute a quasiparticle called hole polaron, here-
after denoted as η+, in which the hole is self-trapped in
its own potential. The addition of an electron, on the
other hand, leads to the creation of a high-spin Mn2+
ion with a magnetic moment of 4.51 µB, i.e., a localized
electron, at one of the Mn3+ sites. The lattice geometry
near Mn2+ is also distorted as compared to the perfect
bulk compound; there are four Mn−O bonds with a bond
length of 2.07 A˚ and two Mn−O bonds with the average
bond length of 2.33 A˚. The electronic defect associated
with this localized electron is called an electron polaron,
denoted as η−. As expected, the Jahn-Teller distortion
almost vanishes at the η+ and η− sites because Mn4+ and
Mn2+ ions are not Jahn-Teller active. The calculated
formation energy of η+ (η−) is found to be 0.48−1.15
eV (0.55−1.21 eV), depending on the specific set of the
atomic chemical potentials; cf. Table II.
In Li2MnO3, the removal of an electron results in an
electron hole, denoted as h+, that is delocalized all over
the oxygen sites in the supercell. The addition of an
electron to the supercell, on the other hand, leads to the
creation of a high-spin Mn3+ with a calculated magnetic
moment of 3.70 µB, i.e., a localized electron, at one of
the Mn4+ sites. At the Mn3+ site, there are four short
Mn−O bonds with an average bond length of 1.93 A˚
and two long Mn−O bonds with a bond length of 2.10
A˚. The presence of the Mn3+ ion thus introduces local
Jahn-Teller distortion into Li2MnO3. This localized elec-
tron and the local lattice distortion constitute an elec-
tron polaron, hereafter also denoted as η− (one, however,
should not be confused with η− in LiMnO2 which is asso-
ciated with Mn2+). The formation energy of h+ (η−) is
1.62−2.40 eV (0.75−1.52 eV), depending on the chemical
potentials; cf. Table II.
As the electron removal (addition) process occurs at
the VBM (CBM), the formation of the electronic defects
in LiMnO2 or Li2MnO3 is directly related to the elec-
FIG. 6. Structures of (a) V 0Li and (b) Li
0
i in Li2MnO3. V
0
Li is
a defect complex of V −Li (large hollow sphere) and η
+
O , i.e., O
−
at the O2− site, whereas Li0i is a complex of Li
+
i (large dark
sphere) and η−, i.e., Mn3+ at the Mn4+ site. Charge densities
associated with the oxygen hole polaron η+O and manganese
electron polaron η− are visualized as isosurfaces.
tronic states at the band edges. For example, unbound
hole polarons cannot be stabilized in Li2MnO3 because
the VBM of the material is predominantly O 2p states,
unlike in LiMnO2 where the majority of the electronic
states at the VBM are Mn 3d states. The self-trapping
energies of unbound η+ and η− in LiMnO2 are 0.70 and
0.55 eV, respectively, defined as the difference between
the formation energy of the free hole or electron and
that of the hole or electron polaron [28]. In Li2MnO3,
the self-trapping energy of h+ is, of course, 0 eV, and
that of unbound η− is 0.47 eV. Finally, since the lat-
tice distortion associated with the polarons η+ and η−
is limited mainly to their neighboring O atoms, they can
be regarded as small polarons [61].
Vacancies and interstitials. Let us now examine
those defects whose formation involves the exchange of
ions (and electrons) with reservoirs. The creation of V −Li
in LiMnO2 involves removing a Li
+ ion, which causes
negligible disturbance in the local lattice environment.
V 0Li is, on the other hand, created by removing a Li atom,
which is in fact a Li+ ion and an electron from a neigh-
boring Mn atom. This removal results in a void at the
site of the removed Li+, i.e., V −Li , and a high-spin Mn
4+,
i.e., η+, at the neighboring Mn site. V 0Li is thus a complex
of V −Li and η
+; it has a binding energy of 0.25 eV with
respect to its constituents. The formation energy of the
lithium vacancies is found to be 0.48−1.35 eV, depending
on the chemical potentials. For the lithium interstitials,
Li+i is created by adding a Li
+. This defect is found to
reside in the Li layer. Because of the repulsive Coulomb
interaction between this and other Li+ ions, there is sig-
nificant rearrangement of the Li+ ions in the Li layer.
Li0i , created by adding a Li atom, is a complex of Li
+
and η− with a binding energy of 0.37 eV. The formation
energy of the lithium interstitials is 0.79−1.65 eV. We
note that defects such as η+, η−, V −Li , and Li
+
i are re-
garded as elementary defects; other defects, e.g., V 0Li and
Li0i , can be interpreted in terms of these basic building
blocks.
In Li2MnO3, lithium vacancies and interstitials are cre-
9ated in similar ways. We find that the creation of V −Li at
the 4h and 2c sites of the space group C2/m, i.e., in the
Li layer, is energetically more favorable than at the 2b
site, i.e., in the Mn/Li layer; the formation energies are
lower by 0.26 and 0.24 eV, respectively. The removal of
a Li atom, i.e., the creation of V 0Li, results in a void left
by the removed atom, i.e., V −Li , and a localized hole at a
neighboring oxygen site, hereafter denoted as η+O . V
0
Li is
therefore a complex of V −Li and η
+
O , see Fig. 6(a). η
+
O has
a calculated magnetic moment of −0.69 µB, as compared
to that of approximately 0 µB at the other oxygen sites.
The minus sign in the magnetic moments indicates that
the interaction between Mn and O is antiferromagnetic.
Our results thus indicate that, in the presence of V −Li , one
of the O2− ions becomes O−. The neighboring Li+ and
Mn4+ ions of O− move slightly away from the site as the
negative charge gets reduced. The Mn−O bonds associ-
ated with η+O have a bond length of 1.94 A˚, compared to
1.90 A˚ of the other Mn−O bonds. With this local lattice
distortion, η+O can be referred to as oxygen hole polaron,
also called “O− bound polaron” [62]. We note that this
η+O is about 0.1 eV lower in energy than a different con-
figuration where the hole is localized on two neighboring
O atoms of V −Li , hereafter denoted as η
+
O∗. We further
note that η+O is stable only in the presence of V
−
Li or, in
principle, some other negatively charged defect such as
a lithium antisite or manganese vacancy inside the ma-
terial. The formation energy of the lithium vacancies is
0.71−1.69 eV. For the lithium interstitials, Li+i is most
stable in the space between the Mn/Li layer and the Li
layer. There is significant rearrangement of the Li+ ions
due to repulsive Coulomb interaction. Li0i is a complex of
Li+i and η
−, see Fig. 6(b), with a binding energy of 0.38
eV. The formation energy of the lithium interstitials is
found to be 0.85−1.83 eV.
To check the robustness of our results for V 0Li, we
carry out similar calculations using the GGA+U method
[40, 41] with the on-site Hubbard corrections applied to
both Mn 3d and O 2p states; U{Mn d} = 4.84 eV as
mentioned earlier, and U{O p} varies from 0 to 7.0 eV.
For 0 ≤ U{O p} < 5.0 eV, we find that the hole in the
V 0Li complex is localized on two neighboring oxygen sites
of V −Li , which is similar to η
+
O∗ mentioned above; whereas
for U{O p} ≥ 5.0 eV, the hole is localized on a single
oxygen site, i.e., η+O . Our results thus suggest that the
inclusion of only the local repulsion between the Mn 3d
electrons, i.e., U{O p} = 0 eV, may not be adequate in
the case of Li2MnO3 where the local interaction between
p electrons is also important. Besides, the physics may
depend subtly on the interaction between the transition-
metal (Mn) d and ligand (O) p electrons. It is therefore
important to treat all the orbitals on the equal footing
as in our current calculations using the HSE06 screened
hybrid density functional. It should be noted that U{O
p} > 5.0 eV is employed by other research groups to cor-
rectly capture localized defect states in doped or defective
oxides [63–65]. As mentioned in Ref. [63] and references
therein, the on-site Coulomb interaction for O 2p holes
in oxide materials determined from experimental data is
also about 5−7 eV.
Among the manganese vacancies in LiMnO2, V
3−
Mn , i.e.,
the removal of a Mn3+ ion, is an elementary defect. Other
defects such as V 2−Mn , V
−
Mn, or V
0
Mn are complexes of V
3−
Mn
and, respectively, one, two, or three η+. The calculated
formation energy of the manganese vacancies is found to
be 1.82−3.05 eV, depending on the specific set of the
atomic chemical potentials. For the oxygen vacancies,
V 2+O is an elementary defect; V
+
O is a defect complex of
V 2+O and η
−. The oxygen vacancies have a formation
energy of 1.51−2.64 eV. In Li2MnO3, V
4−
Mn , i.e., the re-
moval of a Mn4+ ion, is an elementary defect. Other
manganese vacancies such as V 3−Mn , V
2−
Mn , or V
−
Mn are com-
plexes of V 4−Mn and η
+
O ; V
0
Mn is a complex of a V
4−
Mn , two
η+O , and an η
+
O∗. The formation energy of these vacancies
is 4.27−6.94 eV (not included in Table II). For the oxy-
gen vacancies in Li2MnO3, V
2+
O is an elementary defect;
V +O is a defect complex of V
2+
O and η
−. These oxygen va-
cancies are most stable at the 8j site (of the space group
C2/m) and have a formation energy of 1.17−2.54 eV; the
energy at the 4i site is higher by 0.25−0.32 eV. In both
compounds, V 0O can be identified as a defect complex of
V 2+O , η
−, and η−
∗
, where η−
∗
is an electron localized at
the void formed by the moved O2− ion.
Antisite defects. Lithium antisites LiMn are cre-
ated by replacing Mn at a Mn site with Li. In LiMnO2,
Li2−Mn, i.e., Li
+ substituting Mn3+, is an elementary de-
fect. Other antisites such as Li−Mn or Li
0
Mn are complexes
of Li2−Mn and η
+. Manganese antisites MnLi are created
by replacing Li at a Li site with Mn. We find that Mn+Li is
an elementary defect. In this defect configuration, man-
ganese is most stable as high-spin Mn2+ with the calcu-
lated magnetic moment of 4.51 µB. Other defects such as
Mn0Li or Mn
2+
Li∗ are defect complexes of Mn
+
Li and, respec-
tively, η− or η+; Mn3+Li is a defect complex of Mn
2+
Li (i.e.,
Mn3+ replacing Li+; not to be confused with Mn2+Li∗) and
η+. Lithium and manganese antisites in LiMnO2 have a
very low formation energies, only 0.53−0.86 eV (LiMn)
or 0.50−0.84 eV (MnLi).
In Li2MnO3, Li
3−
Mn, i.e., Li
+ substituting Mn4+, is an
elementary defect. Other lithium antisites such as Li2−Mn
or Li−Mn are complexes of Li
3−
Mn and η
+
O ; Li
0
Mn is a com-
plex of a Li3−Mn, two η
+
O , and an η
+
O∗. These defects have
a formation energy of 2.02−4.32 eV, depending on the
specific set of the atomic chemical potentials. Regarding
manganese antisites MnLi, the lowest-energy configura-
tion is Mn+Li in which Li
+ in the Li layer is substituted
by high-spin Mn2+. This defect has a calculated forma-
tion energy of 0.71−3.05 eV, depending on the chemical
potentials. Other manganese antisites include Mn2+Li (i.e.,
Mn3+ replacing Li+), Mn0Li (a complex of Mn
2+
Li and two
η−), and Mn3+Li (Mn
4+ replacing Li+). Obviously man-
ganese at the Li site can, in principle, be stable in three
different charge states; and Mn+Li, Mn
2+
Li , and Mn
3+
Li are
all elementary defects. We also find that manganese anti-
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sites are energetically more favorable in the Li layer than
in the Mn/Li layer (by 0.23−1.54 eV), except Mn3+Li as
it is more stable in the Mn/Li layer (the total-energy
difference is 0.14 eV).
Defect complexes. In addition to the above defects,
we explicitly investigate other defect complexes includ-
ing but not limited to lithium divacancies (hereafter de-
noted as DVLi), antisite defect pairs (MnLi-LiMn), and a
complex of Mn+Li and V
−
Li (Mn
+
Li-V
−
Li ). DV
2−
Li is created
by removing two Li+ ions which are nearest neighbors
to each other. This defect has a formation energy of
1.15−2.87 eV (1.54−3.51 eV) and a binding energy of
−0.18 eV (−0.13 eV), with respect to the two isolated
V −Li , in LiMnO2 (Li2MnO3). The negative binding en-
ergy indicates that the divacancies are not stable toward
their isolated constituents at low lithium vacancy con-
centrations. The antisite pair is created by switching the
positions of a Li atom and its neighboring Mn atom. In
LiMnO2, MnLi-LiMn is a complex of Mn
+
Li, Li
2−
Mn, and
η+. This defect complex has a formation energy of 1.03
eV and a binding energy of 1.15 eV. In Li2MnO3, MnLi-
LiMn is a complex of Mn
3+
Li and Li
3−
Mn which has a for-
mation energy of 1.96 eV and a binding energy of 4.56
eV. The Mn+Li-V
−
Li complex has a formation energy of
0.84−1.86 eV (1.01−3.84 eV) and a binding energy of
0.32 eV (0.40 eV) in LiMnO2 (Li2MnO3); cf. Table II.
Finally, in Li2MnO3, VLi-VO, a complex of V
−
Li , V
2+
O , and
η−, is found to have a formation energy of 2.11−3.06 eV,
depending the chemical potentials; 2V −Li -V
2+
O , which can
be interpreted as the removal of a Li2O unit from the
bulk, has a formation energy of 3.10−4.39 eV; and VMn-
VO, a complex of V
4−
Mn , V
2+
O , and two η
+
O , which can be
interpreted as the removal of a MnO unit from the bulk,
has a formation energy of 4.21−6.10 eV.
For comparison, Koyama et al. [66] in their GGA+U
calculations with U = 5 eV for the Mn 3d states also find
that the hole and electrons are localized in LiMnO2 and
the hole is delocalized in Li2MnO3. Their results, assum-
ing equilibrium with O2 gas at 627
◦C and 0.2 atm and
Li2O, appear to indicate that η
+, Li0Mn, and Li
−
Mn have
the lowest formation energies in LiMnO2; cf. Fig. S2(c)
in the Electronic Supplementary Information (ESI) of
ref. [66]. However, we find that their choice of the atomic
chemical potentials is not suitable for LiMnO2 as it cor-
responds to a point on the Li2O line in Fig. 4(a) that
is much lower than point C and well beyond the stabil-
ity region of the host compound. For Li2MnO3, Koyama
et al.’s chosen set of the chemical potentials corresponds
approximately to point C in Fig. 4(b). Their results,
cf. Fig. S2(d) in the ESI of ref. [66], appear to suggest
that Li+i and η
− are the dominant defects in the mate-
rial and have a formation energy of about 0.7 eV, which
is in qualitative agreement with our results for these de-
fects under the conditions at point C in Fig. 4(b); cf. Ta-
ble II. Using GGA calculations, Park [67] found that in
Li2MnO3 lithium antisites LiMn are the dominant intrin-
sic defect under O-rich and Mn-poor conditions. Our re-
sults, however, show these defects always have very high
FIG. 7. Calculated migration barriers of small polarons (η+
and η−) and lithium vacancies, via monovacancy (V −Li ) and
divacancy (divac) mechanisms, in LiMnO2 and Li2MnO3.
formation energies, even under similar conditions such
as those at points A and B in Fig. 4(b). We note that
in these previous works, corrections for finite-cell-size ef-
fects were not included, except the “potential alignment”
term [66, 67].
Most notably absent from the previous bulk or defect
calculations [24–26, 66, 67] using GGA or GGA+U is
any mention of, or evidence for, the formation of bound
oxygen hole polarons η+O in Li2−xMnO3. For instance,
Xiao et al.’s conclusion about the partial oxidation of
O2− during delithiation is based only on the observation
that the average Bader charge at the oxygen site changes
from −1.17 to −0.88 as x goes from 0 to 1; cf. Table 1 of
ref. [25]. Even in HSE06 calculations, Lee and Persson
[26] do not seem to observe the localization of holes at
the oxygen site in Li2−xMnO3 for 0 ≤ x < 1; although
there appears to be evidence of O− for x ≥ 1; cf. Table
1 of ref. [26]. The results might suggest that in these
previous calculations the system is not yet at its true
ground state.
D. Defect migration
Figure 7 shows the migration barriers (Em) for the
small hole and electron polarons and lithium vacancies in
LiMnO2 and Li2MnO3. The migration of a polaron η
+ or
η− between two positions qA and qB is described by the
transfer of the lattice distortion over a one-dimensional
Born-Oppenheimer surface [68–70]. We estimate the en-
ergy barrier by computing the energies of a set of cell
configurations linearly interpolated between qA and qB
and identify the energy maximum. For V −Li , which mi-
grates through a monovacancy or divacancy mechanism
[28], the barrier is estimated using the NEB method [43].
It should be noted that V −Li moving in one direction is
equivalent to the Li+ ion migrating in the opposite di-
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rection.
In LiMnO2, we find η
+ has migration barriers of 0.48
and 0.39 eV along the a and b axes, respectively; the bar-
riers for η− are 0.30 and 0.34 eV. For the lithium vacan-
cies, the monovacancy mechanism gives migration barri-
ers of 0.58 eV and 0.63 eV along the two axes, whereas
the divacancy mechanism gives a lower barrier of 0.30 eV;
cf. Fig. 7. The migration paths along the a and b axes are
slightly different because of the Jahn-Teller distortion. In
Li2MnO3, electron polarons η
− have a migration barrier
of 0.33 eV in the ab plane. The migration of lithium ions
in the Li layer, i.e., along a or b axis, through monova-
cancy and divacancy mechanisms has energy barriers of
0.64 and 0.34 eV, respectively. Lithium ions in Li2MnO3
can also migrate across the Li and Mn/Li layers, i.e., ap-
proximately along the c-axis. Along this direction, the
monovacancy and divacancy mechanisms give migration
barriers of 0.82 and 0.29 eV, respectively; cf. Fig. 7. Fi-
nally, we also investigate the migration of oxygen vacan-
cies in Li2MnO3 and find that they have very high energy
barriers. For example, the migration barrier of V 2+O is 1.7
eV or higher. These results are expected as the migra-
tion of oxygen vacancies involves breaking and forming
Mn−O bonds.
For comparison, Xiao et al. [25] in GGA+U calcula-
tions with U = 5 eV for the Mn 3d states find energy
barriers of 0.61−0.84 eV for lithium migration in the Li
layers of Li2MnO3, which are in agreement with our value
of 0.64 eV associated with the monovacancy mechanism.
For the migration along the c axis, they report barriers
of 0.73−0.80 eV, also in agreement with our value of 0.82
eV reported earlier. Gao et al. [71] find comparable val-
ues in GGA+U calculations with U = 4.9 eV: 0.55−0.77
eV for lithium migration in the Li layer and 0.68−0.72
eV for migration along the c-axis. It should be noted
that, in these works the migrating species could be V 0Li,
instead of V −Li like in our work, and lithium migration
through a divacancy mechanism is not considered.
IV. DISCUSSION
A. Intrinsic-defect landscapes
It emerges from our results presented in Sec. III C
that certain intrinsic point defects in layered LiMnO2
and Li2MnO3 have low calculated formation energies and
thus can occur with high concentrations, e.g., during ma-
terials preparation. The formation energies of some of the
defects can, however, be sensitive to the chemical poten-
tials which represent the experimental conditions.
In LiMnO2, the dominant point defects are η
+ and V −Li
[under conditions at point A in the chemical-potential
diagram, cf. Fig. 4(a)], η+ and Li2−Mn (points B and C),
Mn+Li and Li
2−
Mn (points D−G), or Mn
+
Li and V
−
Li (point H);
cf. Table II. The antisite defects thus have the lowest cal-
culated formation energies under most of the conditions.
The manganese and lithium antisites can be created to-
gether in form of (i) the MnLi−LiMn complex under con-
ditions at points B−F, or (ii) the Mn+Li−V
−
Li complex
under conditions at points A, G, and H. In scenario (i),
there are Mn2+ ions associated with Mn+Li and Mn
4+ ions
associated with η+, whereas in (ii) Mn2+ ions associated
with Mn+Li are present, in addition to the Mn
3+ ions of
the bulk compound. The low formation energy of Mn+Li
(Li2−Mn) can be partially ascribed to the small radius differ-
ence between Mn2+ (Mn3+) and Li+. For reference, the
Shannon ionic radii are 0.83, 0.65, and 0.76 A˚ for high-
spin Mn2+, high-spin Mn3+, and Li+, respectively [72].
Our results are thus consistent with experiments show-
ing significant cation mixing in LiMnO2. Armstrong and
Bruce [4], for example, report 10% Li/Mn site disorder
in LiMnO2 samples. These antisite defects are likely to
act as nucleation sites for the formation of orthorhom-
bic LiMnO2 during synthesis or spinel LiMn2O4 during
electrochemical cycling, which leads to inferior cycling
stability [6].
Other intrinsic point defects in LiMnO2 include un-
bound, i.e., self-trapped, hole and electron polarons
whose formation energies can be as low as 0.48 (η+)
and 0.55 eV (η−); cf. Table II. Lithium interstitials Li+i
can also occur, especially under Li-rich conditions such
as at points C−F in the chemical-potential diagram,
cf. Fig. 4(a). These defects can be created in the form
of Li0i , a complex of Li
+
i and η
−. Finally, we find that
oxygen and manganese vacancies are not likely to occur
in the interior of LiMnO2 as their formation energies are
high. These defects, however, could be energetically more
favorable at the surface or interface where the lattice en-
vironment is less constrained.
In Li2MnO3, the lithium antisites LiMn have a very
high formation energy (>2 eV), indicating that these de-
fects are not likely to form. This high energy can be par-
tially ascribed to the large difference in the Shannon ionic
radii between Li+ (0.76 A˚) and high-spin Mn4+ (0.53 A˚)
[72]. The formation energy of the manganese antisites
MnLi, on the other hand, can be as low as 0.71 eV under
conditions at points E and F in the chemical-potential
diagram; cf. Fig. 4(b). It should be noted again that in
Mn+Li, the Mn ion is stable as high-spin Mn
2+. The low
formation energy of this defect can thus be ascribed to
the small ionic radius difference between Mn2+ and Li+,
which is similar to Mn+Li in LiMnO2. We, however, also
observe that this energy is very sensitive to the atomic
chemical potentials; e.g., the calculated formation energy
of Mn+Li can be as high as about 3.0 eV under condi-
tions at points A and B which represent Li-rich and Mn-
poor environments. These results thus open the door to
manipulating defect concentrations via defect-controlled
synthesis where the experimental conditions can be tuned
to reduce or enhance certain intrinsic point defects. Mn+Li
can be created in form of Mn0Li, a neutral complex of
Mn+Li and η
−, especially under conditions at points D
and E, or together with V −Li in form of the Mn
+
Li−V
−
Li
complex, especially under conditions at points F and G;
cf. Table II.
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Regarding other defects in Li2MnO3, electron polarons
η− have the lowest formation energy under conditions at
point D in the chemical-potential diagram; cf. Fig. 4(b).
We note that point D represents the most reducing en-
vironment, i.e., corresponding to the lowest µO value, in
Li2MnO3. Lithium interstitials Li
+
i also have the lowest
formation energy at point D and are the lowest-energy
defects under conditions at points A−C. Manganese va-
cancies are unlikely to occur in the interior of Li2MnO3
due to their high formation energies. Oxygen vacancies
may form only under highly reducing environments such
as at point D where V +O has a relatively low formation
energy of 1.17 eV [compared to 1.83 eV or higher at other
special points in Fig. 4(b)]. We note that at point D the
formation energies of manganese antisites are also low;
cf. Table II. Again, manganese and oxygen vacancies and
any other defects can be energetically more favorable at
the surface or interface. Our results for oxygen vacancies
are consistent with the oxygen deficiency at the 8j sites
observed by Kubota et al. [19] in Li2MnO3 when the ma-
terial is synthesized in the presence of strong reducing
agents. Kubota et al. also report the presence of man-
ganese antisites in the oxygen-deficient Li2MnO3−x sam-
ples. It should be noted that there are Mn3+ ions (in the
form of η−) and localized electrons η−
∗
associated with
the oxygen vacancies, as mentioned in Sec. III C. These
species can be oxidized during the subsequent delithia-
tion process.
Our results thus indicate that the lithium and man-
ganese antisites in LiMnO2 cannot be eliminated just by
tuning the experimental conditions, e.g., during materials
preparation. An elimination of these defects may require
significant changes to the chemical environment and,
hence, defect-energy landscape, for example, through
partial ion substitution. The concentration of manganese
antisites in Li2MnO3, on the other hand, can be signif-
icantly reduced or eliminated by preparing the material
under the conditions at points A−C or in their nearby
regions in the chemical-potential diagram; cf. Fig. 4(b).
It should be noted again that the conditions under which
Li2MnO3 may often be prepared correspond to those ap-
proximately within the region enclosed by points C, D,
and E in Fig. 4(b).
B. Delithiation and lithiation mechanisms
In lithium-ion battery-electrode materials, the struc-
ture of the lithium vacancy V 0Li and lithium interstitial
Li0i provides direct information about the intrinsic mech-
anisms for delithiation and lithiation, respectively [27–
29]. We note that, as we are working with LiMnO2
and Li2MnO3 in their stoichiometric forms, the lithiation
here should be understood as the insertion of additional
lithium into the lithiated host compounds. The struc-
ture of V 0Li in LiMnO2 indicates that for each Li atom re-
moved from LiMnO2 electrodes during delithiation, the
material is left with one negatively charged lithium va-
FIG. 8. The electronic density of states of Li2−xMnO3, x = 0,
0.5, and 1.0. The zero of energy is set to the highest occupied
state.
cancy V −Li and one hole polaron η
+; i.e., the extraction
of lithium is associated with the oxidation of Mn3+ to
Mn4+. The partially delithiated composition can be writ-
ten as Li1−xMnO2 or, explicitly, Li1−x[Mn
3+
1−xMn
4+
x ]O2;
here, for simplicity, we ignore intrinsic point defects such
as lithium and manganese antisites. Regarding the lithi-
ation process, the structure of Li0i indicates that, for
each additional Li atom inserted into LiMnO2 electrodes,
the material receives one positively charged lithium in-
terstitial Li+i and one electron polaron η
−; i.e., the in-
sertion of lithium is associated with the reduction of
Mn3+ to Mn2+. The partially lithiated composition is
thus Li1+xMnO2 or, explicitly, Li1+x[Mn
3+
1−xMn
2+
x ]O2.
Since there are no bandlike carriers, as discussed later
in Sec. IVC, η+ and η− are the electronic charge carri-
ers in the delithiation and lithiation. These processes are
thus similar to those in other electrode materials such as
olivine LiFePO4 [27], layered LiCoO2 and LiNiO2 [28],
and spinel LiMn2O4 [29].
The deintercalation voltage [cf. Eq. (12)] associated
with the extraction of the first lithium from the stoichio-
metric LiMnO2 supercell, i.e., the creation of V
0
Li, is found
to be 3.62 V. This value is almost identical to the average
voltage of 3.57 V computed between LiMnO2 and MnO2
in calculations using primitive cells each containing one
formula unit and assuming a topotactic transition be-
tween the end compounds. Experimentally, Armstrong
and Bruce report that LiMnO2 electrodes cycle between
voltage limits of 3.3 to 4.3 V vs. Li/Li+ [4].
We find that the mechanism for delithiation is com-
pletely different in Li2MnO3 where, from the structure
of V 0Li, the charge-compensating defect of V
−
Li is not a
hole polaron at the transition-metal site but a hole po-
laron at the oxygen site. For each Li atom removed from
Li2MnO3 electrodes during delithiation, the material is
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left with one negatively charged lithium vacancy V −Li and
one bound oxygen hole polaron η+O ; i.e., the extraction of
lithium is associated with the oxidation of O2− to O−.
Lithium is expected to be removed first from the Li lay-
ers, at least near the start of delithiation, as the forma-
tion energy of lithium vacancies in these layers is lower
than that in the Mn/Li layers; cf. Sec. III C. The partially
delithiated composition can be written as Li2−xMnO3 or,
explicitly, Li2−xMn[O
2−
3−xO
−
x ]. Figure 8 shows the elec-
tronic density of states of Li2−xMnO3 (x = 0, 0.5, and
1.0), calculated by using unit cells each containing two
formula units. The highly localized, deep defect states
at 1.2−2.2 eV in the band-gap region are associated with
η+O . Our results clearly indicate that the material stays
nonmetallic upon delithiation, which is in contrast to pre-
vious GGA+U results reported by Koyama et al. [24] and
Xiao et al. [25] showing a metallic character. The non-
metallic character of Li2−xMnO3 is also observed at very
low lithium vacancy concentrations, e.g., at x = 1/18. In
the delithiation process, η+O is, in principle, the electronic
charge carrier. However, as also discussed in Sec. IVC,
the bound oxygen hole polaron is stable only in the pres-
ence of V −Li and thus η
+
O transport in the material near
the start of delithiation is likely to be poor due to the low
concentration of the lithium vacancies. Our results thus
explains why it is difficult to electrochemically activate
Li2MnO3. Regarding the lithiation process, the structure
of Li0i indicates that, for each additional Li atom inserted
into Li2MnO3 electrodes, the material receives one pos-
itively charged lithium interstitial Li+i and one electron
polaron η−; i.e., the Li insertion is associated with the
reduction of Mn4+ to Mn3+. The partially lithiated com-
position can thus be written as Li2+xMnO3 or, explicitly,
Li2+x[Mn
4+
1−xMn
3+
x ]O3.
The deintercalation voltage associated with the extrac-
tion of the first lithium from the bulk Li2MnO3 super-
cell according to the above-mentioned delithiation mech-
anism is found to be 5.30 V. This value is higher than the
average voltage of 5.05 V computed between Li2MnO3
and LiMnO3, by using unit cells each containing two for-
mula units and assuming a topotactic transition between
the two limits, or the average voltage of 4.90 V between
Li1.5MnO3 and LiMnO3. The difference indicates that
the η+O component of V
0
Li is energetically more favorable
at high lithium vacancy concentrations. We note that
the calculated voltage also depends on whether lithium
is removed from the interior of the material or from the
surface. For example, our preliminary results show that
the deintercalation voltage associated with the formation
of η+O is 4.44 V at the (001) surface of Li2MnO3, obtained
in calculations using a semi-infinite bulk slab containing
108 atoms [similar to the supercell model presented in
Fig. 1(b)] with a vacuum region of 10 A˚ in thickness and
oxygen being the topmost layer. Also in these calcula-
tions, we find that η+O , i.e., O
−, can be stable as free
(unbound) hole polarons on the (001) surface. The cal-
culated voltage is thus lower at the surface, as expected
since the lattice environment at the surface is less con-
strained than in the bulk. Experimentally, Li2MnO3 is
believed to be responsible for the voltage range from 4.4
to 5.0 V [73].
Regarding the other mechanisms proposed for the
delithiation of Li2MnO3, we find that the oxidation of
Mn4+ to Mn5+ [mechanism (i)] is unlikely as our investi-
gations find no evidence of the formation of Mn5+ ions.
The simultaneous removal of lithium and oxygen [mech-
anism (ii)] may occur at the surface or interface; how-
ever, oxygen is unlikely to be transported from the bulk
of Li2−xMnO3 to the surface or interface to maintain the
reaction, at least at low x values, as the energy barrier as-
sociated with oxygen migration is too high; cf. Sec. III D.
The oxidation of Mn3+ to Mn4+ [mechanism (iii)], where
Mn3+ ions are the preexisting defects in oxygen-deficient
Li2MnO3, is possible as discussed in Sec. IVA; however,
the oxygen deficiency is unlikely to be solely responsible
for the large reversible capacity observed in experiments
[17, 19]. Finally, we speculate that the oxidation of the
electrolyte and exchange of H+ for Li+ [mechanism (iv),
not addressed in our current work], if occurs, or mech-
anism (iii), if there are preexisting electron polarons η−
(i.e., Mn3+ ions) and/or localized electrons η−
∗
, can help
initiate the delithiation process as the mechanism asso-
ciated with the oxidation of oxygen [mechanism (v), de-
scribed above] is not likely to be dominant at the onset
of delithiation due to the poor electronic conduction as-
sociated with η+O .
C. Electronic and ionic conduction
In LiMnO2 or Li2MnO3, each ionic defect has only one
stable charge state, which is also called the elementary
defect, except the manganese antisites MnLi where the
Mn ion can be stable in 2+, 3+, or 4+ oxidation state.
Removing (adding) electrons from (to) these elementary
defects always results in defect complexes consisting of
the same elementary defects and small hole (electron) po-
larons at the nearby lattice site(s). Even MnLi does not
produce any shallow defect level. In addition, several
positively and negatively charged defects have positive
formation energies only near midgap (cf. Fig. 5), making
them perfect charge compensators. Any attempt to de-
liberately shift the Fermi level of the system from µinte to
the VBM or CBM will thus result in the charged defects
having negative formation energies, i.e., the intrinsic de-
fects will form spontaneously and counteract the effects
of shifting [27–29, 74]. Clearly, intrinsic point defects in
LiMnO2 and Li2MnO3 cannot act as sources of bandlike
electrons and holes, and the material cannot be doped
n- or p-type. The electronic conduction therefore occurs
through hopping of hole and/or electron polarons. The
ionic conduction, on the other hand, proceeds via lithium
monovacancy or divacancy migration.
Charge-carrying defects in the electronic and ionic
conduction can be thermally and/or athermally acti-
vated. If the activation is predominantly thermal, the
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effective activation energy for conduction is the sum of
the defect-formation energy and migration barrier, i.e.,
Ea = E
f +Em; whereas if it is predominantly athermal,
the effective activation energy is dominated by the migra-
tion barrier part, i.e., Ea ∼ Em [28]. In stoichiometric
LiMnO2 and at high temperatures, the lower bound of
the activation energy associated with η+ for electronic
conduction is estimated to be 0.87 eV, which is its low-
est formation energy (0.48 eV) plus the lowest migra-
tion barrier value (0.39 eV), and that associated with
η− is 0.55 + 0.30 = 0.85 eV; cf. Table II. For the ionic
conduction, the activation energy associated with V −Li
is as low as 0.48 + 0.58 = 1.06 eV. Here, the concen-
tration of thermally activated lithium vacancies is likely
to be quite low and lithium migration may proceed via
the monovacancy mechanism. In partially delithiated
Li1−x[Mn
3+
1−xMn
4+
x ]O2, where preexisting (athermal) η
+
and V −Li are the predominant charge-carrying defects, the
activation energy for electronic conduction can be as low
as 0.39 eV, i.e., the lowest migration barrier of η+; and
that for ionic conduction is 0.30 eV, i.e., the lithium diva-
cancy migration barrier. In this case, the concentration
of lithium vacancies is likely to be so high that the diva-
cancy mechanism is more favorable.
Similarly, the lower bound of the activation energy for
electronic conduction associated with η− in stoichiomet-
ric Li2MnO3 and at high temperatures is estimated to
be 0.75 + 0.33 = 1.08 eV; cf. Table II. For the ionic
conduction, the lower bound of the activation energy is
estimated to be 1.32 eV, the sum of the lowest forma-
tion energy (0.71 eV) and migration barrier (0.61 eV) of
V −Li . Here, again, we assume that the concentration of
lithium vacancies is low and thus the monovacancy mi-
gration mechanism is predominant. In partially delithi-
ated Li2−xMn[O
2−
3−xO
−
x ], athermal η
+
O and V
−
Li are the
predominant charge-carrying defects. The lower bound
of the activation energy for ionic conduction is estimated
to be 0.29 eV, which is the lowest migration barrier of V −Li
associated with the divacancy mechanism. The oxygen
hole polaron η+O that is bound to V
−
Li can, in principle,
contribute to the electronic conduction. However, a high
concentration of V −Li would be needed in order to form the
percolation pathways for η+O diffusion. The difficulty in
η+O transport, especially at low lithium vacancy concen-
trations, is likely to result in poor electronic conduction
and electrochemical performance.
Massarotti et al. [75] report that Li2MnO3 is an insu-
lator with a very small electrical conductivity (< 10−10
S/cm). This result is consistent with the high electronic
and ionic activation energies associated with η− and V −Li ,
respectively, estimated from our calculations for the sto-
ichiometric compound. It may also indicate that in their
measurements η+O does not effectively contribute to the
total conductivity. Nakamura et al. [76], on the other
hand, report an activation energy of 0.46 eV for Li+
hopping in Li2MnO3 samples prepared by ball milling
and sintered at 900◦C. This value is higher than the
calculated migration barrier of V −Li associated with the
lithium divacancy mechanism but lower than that asso-
ciated with the monovacancy mechanism, suggesting that
there is a high concentration of athermal lithium vacan-
cies in their samples. It should be noted that a compar-
ison between calculated and measured values is usually
complicated by the fact that the latter can be sensitive
to the synthesis conditions and the measurements.
We anticipate that the electronic conduction associ-
ated with η+O can be more effective at the surface or inter-
face. Diffusion length shortening can also help improve
the η+O transport. In fact, electrochemical performance
improvement through nanostructuring has been explored
and shows positive results which may be ascribed, at
least partially, to an improvement in the electronic con-
duction. Li2MnO3 nanoparticles and nanowires, in par-
ticular, are reported to exhibit superior electrochemical
properties compared to their bulk counterpart [11–14].
Finally, the electronic conduction can also be improved
via ion substitution. A partial substitution of Mn4+ in
Li2MnO3 with electrochemically active metal ions would
introduce an additional electronic conduction and charge-
compensation mechanism that is highly needed at the
start of the delithiation process. Indeed, this appears to
be the case in Li2Ru1−yMnyO3 (0.2 ≤ y ≤ 0.8) cathode
materials where Ru4+ ions can be oxidized to Ru5+ [10].
V. CONCLUSIONS
We carry out a comprehensive study of the bulk prop-
erties and defect physics in layered lithium manganese ox-
ide cathode materials using a hybrid DFT/Hartree-Fock
method. We find that layered LiMnO2 has a Jahn-Teller
distorted, monoclinic structure and its energy at 0 K is
degenerate with that of orthorhombic LiMnO2. An anal-
ysis of the electronic structure in LiMnO2 shows that the
contribution fromMn 3d states to the VBM is larger than
that from O 2p states in each oxygen atom; whereas the
VBM in Li2MnO3 is predominantly O 2p states. This dif-
ference between the two compounds results in different
defect physics, particularly in those intrinsic point de-
fects whose formation involves removing electrons from
the top of the valence band.
Manganese antisites are found to have low formation
energies and thus can occur with high concentrations in
layered LiMnO2; the low energies can be partially as-
cribed to the small ionic radius difference between high-
spin Mn2+ and Li+. These antisites can act as nucleation
sites for the formation of orthorhombic or spinel phases
during synthesis or electrochemical cycling. An elimi-
nation of these antisite defects would require significant
changes to the chemical environment such as through ion
substitution. Li2MnO3 can also have high concentrations
of manganese antisites; however, unlike in LiMnO2, they
can be eliminated by tuning the experimental conditions.
Other intrinsic point defects may also occur and have an
impact on the materials’ properties and functioning.
A detailed analysis of the formation of lithium va-
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cancies in layered LiMnO2 indicates that the delithia-
tion process is associated with the oxidation of Mn3+ to
Mn4+, leading to the formation of small hole polarons
η+ at the transition-metal site. In Li-excess Li2MnO3,
the intrinsic mechanism for lithium extraction is found
to be associated with the oxidation of O2− to O−, lead-
ing to the formation of bound hole polarons η+O at the
oxygen site. Other delithiation mechanisms can also oc-
cur in Li2MnO3 and may be dominant near the start
of the delithiation process; however, it is this intrinsic
mechanism that can explain the large reversible capacity
observed in experiments. We also find that in both com-
pounds the intrinsic point defects cannot act as sources of
bandlike electrons and holes and the materials cannot be
doped n- or p-type. The electronic conduction proceeds
through hopping of hole and/or electron polarons; the
ionic conduction occurs through lithium monovacancy
and/or divacancy migration mechanisms.
Since hole polarons η+O are not stable in the interior of
Li2MnO3 in the absence of negatively charged lithium va-
cancies, the electronic conduction at low lithium vacancy
concentrations is likely to be poor due to the lack of per-
colation pathways for η+O diffusion. We suggest that one
can improve the electronic conduction and, hence, the
electrochemical performance of Li2MnO3 through nanos-
tructuring and/or ion substitution. Finally, the results
and discussion presented in this work can also shed light
on the electrochemical properties of Li2MnO3-based or
related materials, opening the door to utilizing the oxy-
gen oxidation mechanism for high-capacity battery elec-
trodes.
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